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I. INTRODUCTION
A melt of polyethylene ͑PE͒ can be viewed as a prototype of a large spectrum of different polymer species, which all have the common feature that they are long and linear. Both its simple chemical structure and its technological relevance have made PE the favorite subject of modeling and simulation efforts on computers. However, the level of sophistication and atomic detail is always limited by the computational cost which can become quite enormous because of the large time and length scales involved in the dynamic properties of polymers. For instance, atomic simulations of melts of very long ͑thousands of monomers͒ chains are still out of reach of current-day computer power. Coarse grained models have been applied to overcome this problem and some are quite successful in reproducing experimentally observed scaling laws of polymer melt properties, such as the diffusion coefficient and viscosity. However, quantitative agreement with experiment is usually better when atomic simulations are applied. Therefore the results of atomic simulations are important to check the validity of coarse grained models and to calculate the parameters occurring in these models.
In this paper we report diffusion, dynamic structure factor, zero-shear relaxation modulus, and viscosity results of atomic molecular dynamics ͑MD͒ simulations of a melt of n-C 120 H 242 chains. Several other studies have been reported on simulations of melts of polymers of comparable size. [1] [2] [3] [4] [5] [6] [7] [8] [9] They all suggest that individual properties of these melts can well be described by the Rouse model. 10 In this paper we will test whether the Rouse model can be used to predict the time correlation functions of a comprehensive set of physical processes by using one single set of parameters. At the same time our results provide a benchmark for a coarse grained modeling of polyethylene ͑to be published͒.
Paul and coworkers have performed molecular dynamics simulations of a melt of n-C 100 H 202 chains. 1, 2 They found that translational and rotational diffusion of the chains can consistently be described by the Rouse model, but that systematic deviations show up in the internal dynamics of the chains. Also, subdiffusive behavior was observed in the chain dynamics, not predicted by the Rouse model. Similar results were found by Harmandaris et al. for chains in polydisperse blends. 3 Mondello and coworkers investigated a number of chain lengths between C 10 and C 66 . 5, 6 By use of the Green-Kubo ͑GK͒ relation they were able to calculate the zero-shear viscosity 0 for chains up to C 16 by integrating the zero-shear stress relaxation curves obtained from equilibrium molecular dynamics simulations ͑EMD͒. They were not able to determine the viscosity by this method for chains longer than C 16 . The reason for this, as was already shown by Cui and coworkers for the case of liquid decane, 11 is that the integration time must be at least as long as the longest relaxation time, which increases enormously with chain length. A more direct method to estimate the viscosity is provided by the nonequilibrium molecular dynamics ͑NEMD͒ technique in which a shear flow is imposed on the system. By measuring relevant components of the stress tensor, the viscosity may be determined as a function of shear rate. Using this method, Mondello et al. showed that 0 of medium long chains may be estimated from the longest relaxation time measured in EMD simulations by invoking the Rouse model. 5, 6 They found that the estimates are in good agreement with extrapolated NEMD results ͑within 20%͒. Moore et al. have performed NEMD simulations of a C 100 melt ͑close to our C 120 ͒ at various shear rates. 7 They ob-served substantial shear thinning at shear rates larger than the inverse rotational diffusion time. Unfortunately, they were unable to observe a Newtonian plateau and experienced problems in extrapolating to zero shear. This is common to NEMD simulations in which large shear rates are needed to obtain significant results.
The above results seem to indicate that many properties of medium long chains may well be described by invoking the Rouse model. This is quite remarkable since the Rouse model assumes that the surrounding chains merely constitute a stochastic background to a chain of harmonically bound beads without excluded volume, and thus is not a very realistic model. It is therefore not at all obvious that a chain which behaves Rouse-like with respect to one property should also behave Rouse-like with respect to another property. It is our aim with this paper to investigate whether one set of Rouse parameters exists which describes all dynamic properties of a C 120 melt. In particular we want to include the full zero-shear stress relaxation modulus among the data to be described, and not just the time integrated modulus, i.e., 0 .
After we completed this work, Harmandaris et al. published a study which is quite similar in spirit. 9 Using NEMD simulations, and EMD simulations in the case of a C 24 melt, they showed that all dynamic processes of C 24 and C 78 melts, including shear relaxation processes up to 3 ns, may well be described by the Rouse model. In this paper we will supply additional evidence and also show that a C 120 melt may be described by the Rouse model, at least for processes lasting up to 1 ns. Since all our calculations will be based on EMD simulations, the linear response regime will be guaranteed. This paper is organized as follows. In Sec. II we summarize the simulation model and the methodology used to obtain a well-equilibrated melt. The method of calculation of the various correlation functions and transport properties is summarized in Sec. III. The results are presented and discussed in Sec. IV. We summarize our conclusions in Sec. V. In the Appendix we present the Rouse predictions for the measured quantities.
II. SIMULATION MODEL AND METHODOLOGY
MD simulations were performed on four independent boxes of amorphous PE using the GROMOS package. 12 Each box consisted of 12 chains of 120 monomer units ͓-CH 2 -͔, a system small enough to make calculations computationally feasible, yet large enough to avoid significant interactions of a chain with its periodic images. Moreover, the CH 2 and CH 3 groups are modeled as united atoms ͑UA͒ in order to reduce the number of atoms in the actual simulation. Studies by Paul and coworkers have shown the ability of UA models to yield the same dynamic results as more expensive explicit atom models. 1, 13 The simulated systems were all subject to cubic periodic boundary conditions. Bond vibrations and bond angle vibrations were treated by harmonic potentials
for all bonds, and
for all bond angles, where b 0 and 0 are the equilibrium bond length and angle. The force constants for bond and bond angle vibrations are k b and k , respectively. The dihedral rotations were described with the rotational potential of Ryckaert and Bellemans,
The intermolecular interactions and the interactions between atoms separated by four or more atoms in the same molecule were described by Lennard-Jones potentials V͑r ͒ϭ4⑀͓͑/r ͒ 12 Ϫ͑/r ͒ 6 ͔. ͑4͒
Parameters are listed in Table I . We used a 1.15 nm cutoff for the Lennard-Jones interactions. The equations of motion were solved using the leapfrog algorithm with a conservative time step of 1 fs. Simulations of the NVT ensemble were performed using a weak coupling scheme to a temperature bath of 450 K with a coupling constant of 0.1 ps. 16 The density was set to 0.7614 g/cm 3 , close to the normal pressure density at 450 K. 17 The average pressure from the simulation was pϷ54 atm.
For a correct sampling of the pressure tensor autocorrelation it is important to have a fully equilibrated melt in which there is no average stress present. This is far from trivial for complex fluids like polyethylene. A number of ways have been suggested by different authors. Forrest and Suter have time-coarse grained the atomic interactions to improve the sampling efficiency. 18 Tschöp et al. suggested a spatial-coarse graining for polycarbonates, after which the chemical details are reintroduced into the coarse grained chains. 19 Quite successful in obtaining a well-equilibrated melt is the end-bridging Monte Carlo algorithm, as suggested by Pant and Theodorou, which, however, yields polydisperse melts because of the connectivity-altering moves. 20, 3 Van der Vegt et al. have investigated the influence of three different ways of generating initial configurations on the solubilities of small molecules in amorphous polymer melts. 21 In one of the methods a dilute system is slowly compressed, during which process only the repulsive parts of the nonbonded Lennard-Jones potentials are taken into account. The configurations of this paper have been prepared this way. After reintroduction of the full potential, the melt was equilibrated at the final density for 10 ns. The average stress was measured during several simulations of 1 ns each and found to be small enough to have no influence on the stress-stress correlation functions described in Sec. IV. The production time was 35 ns, the viscosity measurements were done in a subsequent 10 ns run to ensure maximum relaxed systems.
III. CALCULATION OF CORRELATION FUNCTIONS AND TRANSPORT PROPERTIES
We have measured three time-dependent mean square displacements g at (t), g bl (t), and g cm (t), which are defined as follows:
where r i is the position of the ith carbon atom, r j bl is the position of the jth ''blob,'' as we will explain next, and r cm is the center of mass of the chain. In a following paper we will present mean square displacement results of a coarse grained model of polyethylene, in which the smallest particles are blobs. Each blob is supposed to mimic the behavior of the center of mass of a collection of 20 successive carbon atoms. To validate this coarse grained model, we measure g bl in the current atomic simulation. The diffusion coefficient is calculated from the mean square displacement by
The coherent dynamic structure factor of a single chain can be measured by means of neutron spin echo spectroscopy. It is defined as
where the two summations run over the ͑united͒ atoms of one chain. The atomic ͑molecular͒ stress tensor is defined as
where v is the atomic ͑molecular͒ velocity, r is the atomic ͑molecular center of mass͒ position, and F i j is the force exerted on atom ͑molecular center of mass͒ i by atom ͑mol-ecule͒ j. The molecular stress tensor contains an antisymmetric part because the total force on a molecule exerted by another molecule is not directed along the line of centers of the molecules, producing a torque on the molecules. 22 For calculating the shear viscosity we need the symmetric part.
Daivis and Evans
23 have shown that the zero shear relaxation modulus is related to the symmetrized traceless part P of the stress tensor by
͗P͑t͒:P͑0͒͘.
͑11͒
The double contraction means in practice that we average over five independent contributions: P xy , P xz , P yz ,1/2( P xx Ϫ P yy ), and 1/2( P xx Ϫ P zz ) ͓we get no additional information from 1/2( P yy Ϫ P zz ) since P is traceless͔. The viscosity is given by the infinite time integral of Eq. ͑11͒. It has been proved by Allen that viscosities calculated from the atomic and molecular approach are equal. 24 Several simulation studies have shown this to be correct. 5, 11 The difference between the viscosity calculated from the molecular tensor and that from the atomic tensor is found to converge to zero much faster than the longest relaxation time of the molecule. This was confirmed in test runs of our system in which we calculated the shear relaxation modulus from both atomic and molecular stress tensors. However, the behavior of the atomic stress autocorrelation is dominated by the strong oscillatory behavior due to the bond stretching vibrations. Thus for practical purposes, the molecular tensor formalism is more efficient since it allows the use of a relatively large sampling time interval. We have chosen to measure the molecular pressure tensor every 50 fs. To make certain that we perform an accurate integration of the data, we have also calculated the integral with a 5 fs interval for the shorter time scales. The two integrals were found to be identical.
IV. RESULTS AND DISCUSSION
In this section we will analyze the large time dynamics of the PE melt. We will explore the Rouse model and its boundaries of applicability to real PE chains.
A. Mean square displacement
In Fig. 1 we present the time-dependent mean square displacement results from the simulations. The results have been averaged over four independent boxes, allowing us to estimate the errors. The shortest time behavior (tр1 ps) is ballistic and not shown in the graph. After the ballistic regime, we observe two power law regimes g(t)ϰt x for g at and g bl . The atomic diffusion results reveal an exponent x ϭ0.65 p to 200 ps, after which an exponent xϭ0.57 sets in. The initial value compares well with the results of molecular dynamics simulations of C 100 H 202 melts by Paul, Smith, and Yoon. 1 They measured the mean square displacements of central and end monomers of each chain separately, which on average yields an exponent of xϭ0.67. For the blob diffusion results we measure an exponent xϭ0.75 up to 400 ps, after which an exponent xϭ0.65 sets in. These higher exponents should be expected, since in going to the blob level we average over some of the atomic movement ͑in the ultimate limit of a chain being represented by one blob, g bl and g cm would be the same͒. For both atomic and blob mean square displacements we expect free diffusion at larger time scales. The chain center of mass diffusion g cm does indeed display free diffusive behavior after tϭ4 ns. Before this time, subdiffusive behavior (xϭ0.80) is observed. The subdiffusive exponent compares well to both simulation 1 and neutron spin echo spectroscopy 2 results of a C 100 H 202 melt (xϭ0.83). Now we want to investigate how closely the observed mean square displacement results resemble Rouse behavior. In the Rouse model, segmental mean square displacements show a subdiffusive regime g at (t)ϰt 1/2 before crossing over to free diffusion. However, this is only true in the limit of N going to infinity. For finite N there is a transition from an early t 1 regime to a sublinear exponent. This transition occurs at the fastest relaxation time in the Rouse chain, which is NϪ1 in Eq. ͑A4͒. In Fig. 2 we present the result of fitting the three independent parameters of the Rouse model to the observed atomic and chain diffusion data. The three fit parameters are the diffusion coefficient of the chain D, the Rouse time 1 , and the number of statistical segments N. In the Rouse model, the center of mass of a chain will always Ϫ6 cm 2 /s for a C 128 chain at the same temperature and approximately the same density as our simulation. 3 Pearson et al. 17 have measured self-diffusion coefficients by means of field gradient NMR at 450 K experimentally for a large range of molecular weights, although not at the weight of C 120 chains. An interpolation of their data yields D exp Ϸ0.67ϫ10
Ϫ6 cm 2 /s. The discrepancy is not specific to our united atom model. It is well-known that diffusion coefficients from MD simulations tend to overestimate the self-diffusion coefficient, especially at high packing fractions. For a systematic study the reader is referred to the work of Dysthe and coworkers. 25 From the diffusion coefficient we can calculate the segmental friction coefficient . However, still depends on the size of the statistical segment. One can easily show this by writing ϭm, in which m is the mass of the statistical segment and is the friction ''frequency.'' If we apply this to Eq. ͑A7͒ we find Dϭk B T/(Nm)ϭk B T/(M ), where M is the total mass of the chain. Since within the Rouse model the diffusion coefficient of a given chain must not depend on how many segments we choose to divide it in, must be a property of the chain independent of our choice of statistical segment length ͑but still dependent on other factors, such as temperature͒. We find ϭ(19.0Ϯ1.6)ps Ϫ1 for the friction frequency. Harmandaris et al. have calculated the friction coefficient of a CH 2 monomer, which is then shown to be independent of the chain length for chains longer than C 70 . If we calculate the monomeric friction coefficient we find ϭ(4.45Ϯ0.37)ϫ10 Ϫ13 kg/s, in accordance with their results. 3 However, we remind the reader that the number of segments N in the Rouse model should not be set equal to the number of monomers in the chain, since one monomer does not make a statistical segment, as we will show later on. Now we consider the atomic mean square displacements, shown in Fig. 2 . The value of the sublinear exponent in the atomic mean square displacement depends on both the Rouse time 1 and the number of statistical segments N. It was found that N has little influence on the second regime of g at (t) ͑for not too small N͒, so we used the regime from 1 to 20 ns to fit the Rouse time. Finally we varied N to obtain the best fit for times below 1 ns. Applying the exact expression for the relaxation time spectrum, Eq. ͑A4͒, we obtained 1 ϭ(6.5Ϯ0.3)ns and Nϭ14Ϯ2. Applying the approximation k ϰ1/k 2 ͓Eq. ͑A5͔͒, we obtained slightly different parameters, 1 ϭ(7.0Ϯ0.3)ns and Nϭ20Ϯ3. Since N is found to be relatively low, this approximation fails at short times, the first set of parameters is the more correct one. For comparison we have also included the results of a fit with an infinite Rouse chain (N→ϱ), in which case 1 ϭ6.5 ns and a t 1/2 regime occurs. Clearly, the deviation of the measured exponent xϭ0.57 from the ideal value of 0.5 is due to the small number of statistical segments. From this study we can conclude that a statistical segment of polyethylene at 450 K is comprised of about 120/14ϭ8.6 monomers. Fig. 2 that it is this length ͑rather than a characteristic time͒ which determines when Rouse theory sets in. When both g at and g cm have moved more than b 2 , the Rouse theory predictions coincide with the molecular dynamics results. Consequently, the atomic results coincide much earlier than the chain center of mass results ͑after 0.4 and 4 ns, respectively͒. Below these limits the Rouse model fails because of the neglect of molecular stiffness, as was pointed out by Harnau and coworkers. 26 Other factors may be important as well. For instance, Richter et al. suggested that an extra ͑internal͒ friction term may be necessary to explain experimental results. 27 This has, however, been questioned by Harnau et al. 28, 29 In this paper we will not elaborate on this matter. Whenever ''chain stiffness'' is mentioned, the possibility of these other effects should be kept in mind as well.
B. Dynamic structure factor
The dynamic structure factor is experimentally the best accessible quantity to check the validity of the Rouse model. The neutron spin echo spectroscopy experiments described in Ref. 2 already formed a critical test of the Rouse model, and our conclusions correspond with those of the authors. In Fig. 3 we present the normalized dynamic structure factors for seven wave vectors ranging from qϭ0.55 to 3.0 nm Ϫ1 together with the Rouse predictions, Eq. ͑A9͒. The fit parameters were determined as follows: for qӶ2/R, where R is the end-to-end vector, the wave vector is so small that it only probes the overall diffusion of the chain. Thus we have used the first wave vector to determine D, independent of the mean square displacement measurements. We obtained D ϭ(1.15Ϯ0.08)ϫ10
Ϫ6 cm 2 /s, which is in prefect agreement with the previous results. The Rouse time 1 and the number of segments N are of importance for the larger wave vectors. A combined fit yields 1 ϭ(6.5Ϯ0.5)ns and Nϭ15Ϯ5. The large uncertainty in N stems from the fact that the smallest wave vectors are relatively insensitive to N, while the larger wave vectors cannot be described correctly by any N whatsoever. For qу1.4 nm Ϫ1 the Rouse curves decay too fast compared with the simulation data, leading to underestimated structure factors for large times ͑but an overestimate for times lower than ϳ50 ps͒. This value of q corresponds to a half-wavelength of /qϭ2.24 nm, which is in the same order of magnitude as the statistical segment length b. Again, we conclude that the Rouse model is capable of correctly describing the behavior of a polymer chain, but only on length scales larger than the statistical segment length. Below this length scale the stiffness of the chain becomes important, leading to a slower decay of the dynamic structure factor.
C. End-to-end vector
The end-to-end vector measures the position of the last segment with respect to the first segment of a chain, Rϭr N Ϫr 1 . For a Gaussian chain, such as the Rouse chain, the average squared magnitude of the end-to-end vector is given by Eq. ͑A10͒, which yields 20. Ϯ4.0) nm 2 , which is in rather good agreement with the Rouse prediction if we take into account that the end-to-end vector is measured from the first to the 120th carbon atom in the atomic case and between the centers of the first and last statistical segments in the case of a Rouse chain.
The dynamic quantity we are interested in is the orientational autocorrelation function for the end-to justed N to get the best fit for short time behavior. This procedure yields 1 ϭ(6.0Ϯ0.5)ns and Nϭ13Ϯ3, in agreement with the fit parameters obtained from the mean square displacement data. The fit can be made fairly accurate because the end-to-end vector is a property of the entire chain and much larger than the statistical segment length b.
D. Shear relaxation modulus and viscosity
The shear relaxation modulus G(t) is calculated from the autocorrelation of the stress tensor, Eq. ͑11͒. As explained in Sec. III the stress tensor can be determined from an atomic or a molecular point of view. In Fig. 5 both results are presented for a sampling interval of 5 fs. The atomic shear relaxation modulus shows strong oscillatory behavior due to fast vibrations of the bonds in the chain, while the molecular shear relaxation modulus is a much smoother function, with a minimum at 0.21 ps. The inset of Fig. 5 shows the integrals up to time t,
for both shear relaxation moduli. ͓The shear relaxation modulus itself is given by the slope of (t).͔ It is seen that the atomic and molecular integrals become identical for t larger than 1 ps, in accordance with the findings of other authors. 5, 11 The limit of Eq. ͑13͒ for t going to infinity gives the viscosity of the polyethylene melt. The computational demands for these calculations are very large because the stress tensor is a collective property of the system, yielding only one value per time frame ͑in practice we can use five, as explained in Sec. III͒. This means that very long runs are needed to obtain enough statistical accuracy. Because of the larger possible integration time step ͑50 fs͒, the molecular stress tensor was used to determine (t) for large time scales.
The rate of convergence of the integral of the shear relaxation modulus depends on the relaxation time of the chain. In principle one should integrate up to, say, 2 1 to reach the plateau value of the integral. This is, however, quite impossible, so instead of varying the parameters of the Rouse model ͑N and 1 ͒ to fit the entire curve, we will use the parameters found before to compare the Rouse predicted integral with the measured integral (t) up to tϭ1 ns. The measured result, shown in Fig. 6 , is an average of the results of the four independent simulation boxes, each yielding five independent contributions. We can make a conservative estimate of the error in the average value at each time by treating these 20 contributions at each time as independent data. This way we find estimated errors of 6% at tϭ0.1 ns up to 17% at tϭ1 ns. Because the statistical uncertainties are relatively large, we must be careful with our conclusions.
Before testing the Rouse predictions, let us compare our EMD result with the NEMD results of Moore et al. on C 100 chains. 8 They measured transient shear stresses by applying sudden constant shear rates to equilibrated systems. At the high shear rates applied by these authors, the stresses exhibit temporary overshoots above the steady-state values, in partial agreement with the Doi-Edwards theory of entangled systems. 30 This seems to indicate that under some conditions aspects of the reptation picture may be applicable, even for chains which are not supposed to be entangled. Notice that our Let us now compare the results with the Rouse integral, Eq. ͑A13͒. The density of Rouse chains is set equal to the density of chains in the MD system. The result is shown in Fig. 6 for Nϭ13 and 1 ϭ6.0 ns. It is immediately apparent that the Rouse curve differs from the measured curve. This should be expected because the initial relaxation modulus G(t) of the polyethylene system does not behave Rouse-like at all, as can be seen in Fig. 5 . However, the Rouse curve is observed to run parallel with the measured curve after approximately 0.4 ns. This means that the zero-shear relaxation modulus G(t) is perfectly described by the Rouse model in this time regime. Note that 0.4 ns is the time at which the atoms have moved on average over one statistical segment length b. That the two curves really are parallel is best revealed by plotting the difference against time,
and observing that ⌬ becomes constant after a certain time.
The inset of Fig. 6 shows the difference for the three sets of Rouse parameters obtained so far, Nϭ13 and 1 ϭ6.0 ns, N ϭ14 and 1 ϭ6.5 ns, and Nϭ20 and 1 ϭ7.0 ns. Only the first two sets give a constant ⌬ within the measured time span, with a limiting value of ⌬ ϱ ϭϪ0.39 cP for Nϭ13 and 1 ϭ6.0 ns, and ⌬ ϱ ϭϪ0.58 cP for Nϭ14 and 1 ϭ6.5 ns. Because of the uncertainty in the data, we are unable to determine which of the two sets of Rouse parameters provides the best fit to the data. In the last set, the Rouse parameters are clearly overestimated, resulting in an ever decreasing difference curve. If the zero-shear relaxation modulus can be perfectly described by the Rouse model after 1 ns as well, we may estimate the viscosity as
where R is the limit of Eq. ͑A13͒ for t to infinity ͑8.25 and 8.96 cP, respectively, for the first two sets͒. This yields an estimate for the viscosity of, respectively, ϭ7.86 cP ͑first set͒ and ϭ8.38 cP ͑second set͒ for our melt of C 120 H 242 chains at 450 K. Pearson et al. 17 have measured the viscosity of n-alkanes and PE as a function of molecular weight at 450 K, although not at the weight of C 120 chains. An interpolation of their data yields exp ϭ13.5 cP. As with other MD simulations at high packing fractions the viscosity is somewhat underestimated, 25 in our case by 38% ͑for the second set͒. The important result is that we have shown that the shear relaxation modulus G(t) behaves exactly like that of a Rouse chain on time scales between approximately 0.4 and 1.0 ns. A correction ⌬ ϱ accounts for the fact that initially a real chain does not behave Rouse-like, but it is relatively small for long chains, in our case only 5% to 6%. Therefore the much applied practice to estimate the viscosity from the longest relaxation time 1 , Eq. ͑A14͒, seems to be justified. We would, however, like to place a word of caution: one may not disregard the possibility that G(t) does not behave Rouse-like at times larger than 1 ns. At larger times, contributions from the interactions between different chains may be important, with relaxation times well exceeding the longest intrachain ͑configurational͒ relaxation times. A first indication that such processes are important may be found in the transient stress calculations of Moore et al. which suggest that entanglements may be important even in the case of C 100 chains. 8 Additional evidence for this hypothesis will be presented in a forthcoming paper in which we will coarse grain the melt investigated in this paper in order to reach larger time regimes. We will show that on the largest time scales the stress in the system relaxes more slowly than in the case of a Rouse chain, leading to an increased viscosity as compared to the Rouse model.
V. CONCLUSIONS
We have performed MD simulations of a polyethylene melt to investigate the validity of the Rouse model predictions for a comprehensive set of correlation functions: the mean square displacement, dynamic structure factor, end-toend vector autocorrelation, and zero-shear relaxation modulus. It was found that the chains do indeed behave like Rouse theory predicts, but only on length scales larger than the segment length b. Further, it was found that the different quantities consistently yielded the same set of fit parameters N, D, and 1 . The deviations between the Rouse model calculations and the experimental and simulation data of short time mean square displacements and large q dynamic structure factors were shown by Harnau and coworkers to be due to the neglect of molecular stiffness 26 which becomes prominent on length scales smaller than the statistical segment length. Other effects, such as an extra ͑internal͒ friction, may also be of importance on this length scale, as was pointed out by Richter and coworkers. [27] [28] [29] An important part of this work constituted the calculation of the zero-shear relaxation modulus and viscosity of a melt of chains which is supposed to be described by Rouse dynamics. We have found that a Rouse description of the shear relaxation modulus exactly coincides with the simulation results for time scales between 0.4 and 1.0 ns. This allowed us to extrapolate the integral using Rouse theory, yielding a viscosity of 8.38 cP, underestimating the experimental value by 38%. The correction due to initial differences between Rouse and simulated shear relaxation modulus is shown to be relatively small. We do not rule out the possibility that at times larger than 1 ns intermolecular contributions to the stress relaxation modulus, caused by ''entanglements,'' survive, which will substantially enlarge the calculated viscosity.
APPENDIX A: ROUSE MODEL
In Rouse theory the excluded volume interactions and hydrodynamic interactions are neglected and the polymer is treated as a chain of N segments connected by harmonic springs with spring constant kϭ3k B T/b 2 , where T is the temperature, k B is the Boltzmann's constant, and b is the effective bond length ͑within an infinite chain͒. The dynamics of the chain is governed by a Langevin equation of motion with a segmental friction coefficient . The resulting set of coupled differential equations can be solved by transforming to normal coordinates,
where A kn is defined as
͑A2͒
In this expression we include a term 1/2 which assures that the Langevin equations are consistent at the boundaries of the chain. 31, 32 The normal coordinates decay exponentially in time,
where the relaxation times k are given by The slowest relaxation time in the chain, 1 , is the so-called Rouse time. Now we present the Rouse results for the various quantities which have been measured in this work. In the derivation of these expressions we will make no further approximations, i.e., we consider a finite number of segments N, and we apply the exact expression for the relaxation times, Eq. ͑A4͒.
The mean square displacement of the center of mass of the chain is given by the zeroth normal mode kϭ0, and is equal to g cm ͑ t ͒ϭ6Dt, ͑A6͒
i.e., it is diffusive at all times, with a diffusion coefficient given by
By superposing the internal motions of the chain we find the mean square displacement of a typical segment to be equal to
Ϫt/ k ͒. ͑A8͒
In the limit of N going to infinity, g seg is subdiffusive (ϰt 1/2 ) for small times and diffusive (ϰt) for larger times. The crossover time between these two regimes is dictated by the slowest relaxation time in the chain, 1 .
The dynamic structure factor of a single chain can be calculated by noting that the random displacements of the normal coordinates are Gaussianly distributed. 2 After some straightforward calculation we find
The average squared end-to-end vector is related to the number of segments,
This results in standard random walk behavior for N to infinity. The end-to-end vector autocorrelation is given by the sum of odd normal mode decays:
The characteristic times in Eqs. ͑A8͒, ͑A9͒, and ͑A11͒ can be calculated from the Rouse time by using Eq. ͑A4͒. The relaxation of the stress after a step shear is given by the shear relaxation modulus, which is, in the Rouse case, a simple sum of exponential decays,
where is the mass density, M is the molecular weight, and R is the gas constant. In analogy with Eq. ͑13͒ in the main text we define R (t) as the integral of the Rouse shear relaxation modulus up to time t,
The limit of this integral for time to infinity is the viscosity. For N→ϱ this can be approximated as
RT M
. ͑A14͒
So the viscosity of a Rouse chain is found to scale linearly with chain length N for constant segmental friction coefficient. Experimentally a stronger N dependence is observed in the unentangled regime (ϰN 1.8 ) because the density and, more important, the segmental friction coefficient increase with increasing N. 17 
